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ABSTRACT 
The effects of dislocation confinement on fracture behavior in laminates consisting of 
alternating submicron ductile and brittle layers are studied. When the ductile layer thickness is 
below the micron level, dislocations must be treated individually. Dislocations emitted from the 
crack tip have two effects: they blunt the crack and thereby reduce the tensile stress at the crack 
tip; and pile up against an interface and send a back stress to the crack tip to hinder further 
dislocation emission. Consequently, an equilibrium number of dislocations exists at a given load 
level. We estimate this number by considering the stability conditions for dislocations threading 
in the ductile layer, and dislocation pile-up is treated as an equivalent superdislocation. 
Furthermore, the competition between further dislocation emission and cleavage at the blunted 
crack tip is considered. Our result shows that because of the confinement, as the applied load 
increases, the tensile stress at the blunted crack tip also increases. Cleavage occurs when the 
tensile stress at the crack tip reaches the theoretical strength. Given a sufficiently thin 
constraining layer, cleavage can even occur in ductile metals such as copper and aluminum. The 
implications of this model for several material systems are discussed. 
1. INTRODUCTION 
Modern materials processing technologies can control microstructural parameters at length 
scales substantially smaller than traditional processing methods. Examples include layered 
materials with each layer ranging 10-103 nm thick, and nano-composites or structures (Langer, 
1992). These materials may exhibit mechanical behaviors different from those in traditional 
materials. In this paper we study the consequences of dislocation confinement by narrowly 
spaced internal boundaries. 
Consider, for example, a laminate consisting of alternating ductile and brittle layers with a 
pre-existing crack at an interface. Upon loading the ductile phase flows and blunts the crack tip. 
If the ductile layer thickness h is sufficiently large, the flow and blunting at the crack tip will 
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proceed until a limiting event intervenes. Depending on the material system, such an event can 
be cleavage at some distance ahead of the blunted crack tip (Ritchie et al., 1973), or void growth 
and its linkage with the blunted crack tip (McMeeking 1977). Gas pores and other defects on the 
interface supply the initiation sites for voids or microcracks. In this case, the characteristic length 
scale is the spacing between the defects. Fracture toughness is thus governed by the plastic 
dissipation of metal ligaments between voids (Evans and Dalgleish, 1992). 
For a crack in a ductile layer with large h (h ~ 00 ), the plastic zone size at the onset of 
fracture is 
1 (Kc)2 
rp= 2n O"y ' 
(1) 
where Kc is the fracture toughness, and O"y the yield strength of the metal. For a typical metal 
such as steel, the crack tip plastic zone is of the order of millimeters to centimeters. Therefore, in 
a ductile layer larger than a few centimeters, no confinement exists, and the measured fracture 
energy is independent of layer thickness. The plastic flow becomes confined when h < 2rp, 
resulting in a lower fracture energy, as shown in Figure 1. Valias et al. (1991) have shown that, 
because of the confinement, the tensile stress at the crack tip increases as h decreases. For a 
given h, the tensile stress peaks at a distance several times h ahead of the crack tip. 
Consequently, fracture toughness decreases ash decreases. 
When h approaches the micron level, the dislocation activities within the thin ductile layer 
can no longer be treated with continuum plasticity theory (Figure 1). For layer thicknesses below · 
the length scale of micron and down to about 10. nm, individual dislocations interact with the 
crack tip and the interface. Interfaces act as barriers which prevent the dislocations from crossing 
over into the brittle layer. This is the regime to be studied in the present paper. Experimental 
data indicated that as the layer thickness decreases, the material appears increasingly more brittle, 
absorbing smaller amount of energy at fracture (Evans and Dalgleish, 1992), even though the 
volume fraction of the ductile metal is substantial in these layered materials. 
3 
------------------------------------
In this paper, we present a theoretical study on the confinement to individual dislocations in 
layered materials. The length scales of the confining thickness considered in this study are those 
below a few microns, thus only the effects of individual dislocations are relevant. The 
equilibrium number of dislocations which thread through the confining layer will be estimated 
from an energetic point of view. The competition between cleavage and continued dislocation 
threading will be evaluated. Our results indicate that confinement to dislocation motion by 
interfaces is very effective in reducing plastic deformation in layered materials. Cleavage may 
even occur in ductile metals such as aluminum and copper, provided the confining layer is 
sufficiently thin. 
2. DISLOCATION CONFINEMENT LEADING TO CLEAVAGE 
For a layered material with a crack subjected to an applied load, as long as the ductile layer 
thickness is much larger than the Burgers vector, dislocations will emit and move away from the 
crack tip. Figure 2 shows dislocations in materials composed of alternating ductile and brittle 
thin layers. Cracks can be either parallel (Fig. 2a and 2b) or perpendicular (Fig. 2c) to the 
interfaces. In the former, the crack can be either along an interface (Fig. 2a) or inside a ductile 
layer (Fig. 2b ). In every case, dislocations emitted from the crack tip tend to pile up against the 
interfaces (Anderson and Li, 1993). We assume that the dislocation pile-ups do not cause 
cracking in the brittle layer. We investigate whether cleavage can occur in the ductile layer or 
along the interface, and evaluate the fracture toughness associated with such fracture mode for 
various layer thicknesses. 
These dislocations have two effects on the crack tip. First, if the Burgers vector has a 
component normal to the crack plane, the emitted dislocations blunt the crack tip. This reduces 
the stress concentration at the crack tip, making it more difficult to reach the cohesive tensile 
strength. Second, the interaction forces between the crack and the emitted dislocations will result 
in crack tip shielding, giving rise to a crack tip stress intensity lower than the far field applied 
stress intensity. In the absence of confinement, dislocations can move freely away from the crack 
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tip. Therefore, in ductile metal such as copper and aluminum, blunting becomes substantial, and 
the unlimited dislocation emission sufficiently reduces the crack tip stress. Consequently, the 
crack tip stress cannot reach the cohesive strength and thereby cleavage is suppressed. 
In a layered material, however, dislocations are confined by the brittle layers. The confined 
dislocations send a back stress to the crack tip which impedes further dislocation emission. For a 
given applied load and layer thickness, there exists an equilibrium number of dislocations in the 
pile-ups. Once the equilibrium number is reached, emission of additional dislocations is 
prevented by the back stress. It is this back stress that hinders the further blunting of the crack tip. 
After a limited blunting, the crack tip will gradually build up tensile stress as the applied stress 
intensity increases. Eventually, when the tensile stress at the blunted crack tip reaches the 
cohesive strength, cleavage fracture of the material results. The fracture toughness of the material 
( critical far field applied stress intensity at fracture) depends on how many dislocations can be 
emitted from the crack tip, which in turn depends on the thickness of the ductile layer. 
It was demonstrated by Rice and Thomson (1974) that dislocations nucleate spontaneously 
from the crack tip in ductile metals such as aluminum and copper. Thus only dislocation motion 
is considered here. We envision a specific process by which dislocations move away from the 
crack tip. As shown in Figure 3, each dislocation first protrudes out from one dislocation source 
on the crack front. Then when the outermost part of the protrusion reaches its equilibrium 
position against the existing pile-up, the dislocation moves parallel to the crack front. The details 
of this threading motion is depicted in Figure 3b, viewed from the dislocation gliding plane. The 
process is similar to the dislocation threading process in epitaxial thin films (Freund, 1987). For 
a given applied load, the threading of a new dislocation is prevented by the dislocation pile~up at 
the interface. The equilibrium number of the dislocations in the pile-up can then be estimated by 
the stability condition of the threading dislocations. 
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3. A MECHANISTIC MODEL 
Consider a material with alternating brittle and ductile layers containing a crack parallel to 
the interface and substantially longer than the layer thickness, as shown in Figure 2b. The 
thickness of the ductile metal layer is denoted by h. It is assumed that a pair of symmetric slip 
systems, with the slip plane inclined from the interface by an angle</> (marked in Fig. 2b) will be 
activated upon loading. Thus all dislocations emitted from the same crack tip source would pile 
up against the interface, and the leading ones can travel a maximum distance of h4>=h/(2sin</>) 
before they are blocked by the upper and lower interfaces. The applied load is represented by a 
far field mode I stress intensity Kapp· 
To avoid mathematical complications yet retain the essence of the confinement, the layered 
material is assumed to be elastically homogeneous and isotropic. This implies that the elastic 
crack tip fields is identical to that of a homogeneous isotropic material, and the interface exerts 
no image forces on the dislocations. The following analysis can, however, be readily extended to 
the more realistic material systems where elastic mismatch exists. Under the above assumptions, 
only the following material parameters are. needed: shear modulus µ, Poisson's ratio· v, Burgers 
vector b, surface energy rand cohesive strength <Ic. In the following formulation, these 
· quantities will be. normalized as 
- - Kapp 
K --app µ,./b' 






3.1 Representation of Dislocation Clusters -- Superdislocation Model 
(2) 
Attention is now focused on one arm of dislocation cluster (consisting n dislocations) 
emitted from the crack tip. Even under the assumption of a single array alignment, calculation 
for their equilibrium spacings is cumbersome. As pointed out by Lin and Thomson (1986), the 
mutual interactions between the dislocations are in general not one dimensional. However, an 
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analysis of minimum energy configuration of multiple dislocations by Lubarda et al. (1993) 
demonstrates that there is a strong tendency for dislocations to form narrow bands or walls in 
space. Here an equivalent superdislocation consisting of a condensed pile-up with a Burgers 
vector nb is suggested to circumvent this difficulty. A justification of this is outlined below. If 
the dislocations in one arm of the gliding plane are located at 
(3) 
then we can treat the dislocation cluster as a superdislocation provided that majority of A/s 
(i=l, ... ,n) are much smaller than h~. The equivalent distance between the superdislocation and 
the crack tip will be smaller than h~. This superdislocation model is justified if the normalized 
layer thickness Ji defined in (2) is much larger than n, the number of emitted dislocations. It is 
noted that threading motion of dislocations shown in Figure 3b, rather than the single dislocation 
threading in Figure 3c, is more realistic. But we will show in the following that, although 
quantitative error (usually less than a factor of 2) may be introduced by the latter approximation, 
qualitative features are well preserved using the superdislocation model (Figure 3c). 
3.2 Equilibrium number of dislocations 
An energy approach similar to that used in. the study of threading dislocations in epitaxial 
films by Freund (1987) is employed. The central argument is that, in the presence of (n-J) 
dislocations, if by threading an additional dislocation across the whole crack front under the 
applied stress intensity, . the total energy in the system decreases, then the state with n 
dislocations is energetically preferable. Therefore, to determine the equilibrium number of 
dislocations, we need only to evaluate the energy difference between the state with (n-1) 
dislocations and the one with n dislocations. 
The total energy in the system consists of : 1) the self energy of the dislocation cluster, 
W d• including the self energy for all individual dislocations and their interaction energy, 2) the 
self energy of the crack tip stress field under far field stress intensity, 3) the interaction energy 
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between the dislocation stress field and the crack tip field, WK, and 4) the surface energy due to 
creation of dislocation ledges, W L- The self energy of the crack tip field does not change with 
the introduction of additional dislocations, thus will be ignored here. Moreover, the friction 
stress against the dislocation motion, such as Peierls-Nabarro stress, does not enter the 
formulation of energy balance. Therefore, the total energy of the system in the presence of an 
equivalent superdislocation of strength nb can be summed as, 
where W d• WK• W L are derived in Appendix A as, 
w = µ(nb)2 (1n(h /r.)-c) 
d 4n(l - v) IP 0 
Kapp fhi ) . </J WK = - r;:,::: IP ( nb sm </J cos-
A ~ 2 n 2 





In (4a), C is a constant in the neighborhood of unity, and the effective core radius r0 of the 
dislocation cluster is given by 
where 
!!,.kq = rcrack if k=q, 
if k-:t-q, 
and r crack represents the core radius to create a dislocation at the crack tip. 








As a typical example to estimate r 0 , consider ten dislocations equally spaced over a length of 
100b, then r0 is evaluated as 10bx(10-5 x28 x37 x46 x55 x64 x73 x82 x9t50 = 21.15b. 
This estimate suggests that r O can be significantly smaller than the extended length of 
dislocation array. With further simplification to an idealized superdislocation located at r=h~, 
r O reduces to the core size of dislocation and A becomes unity. 
Consider the energy difference between two states with superdislocations of strengths 
(n+l/2)b and (n-1!2)b, respectively, 
Then 




dislocations shrink back to crack, 
more dislocations thread out, 
equilibrium. 
From this condition, the equilibrium number of dislocations for a prescribed applied stress 
and ductile layer thickness can be given as, 
where 
2n(l - v) (Kapp -JK . ,.,, q, -J 
n = ln(ii / f) A-{fii sm 'f' cos2 - r 




For a given ductile layer thickness, the equilibrium number of dislocations depends linearly 
on the applied stress intensity. The equilibrium number of dislocations is plotted in Figure 4 as a 
function of applied stress intensity for two different values of ji. In the following, unless 
specifically mentioned, we take f=l, A=l (an idealized superdislocation), and <f,=45° and 
V=0.33 in all the drawings. In Figure 4, a fixed ductile layer thickness ii= 500 (hq,=500b) is 
chosen. Values of normalized surface energy r for a few common ductile metals have been 
estimated by Rice and Thomson (1974) as, Cu: 0.1684; Au: 0.2085; Al: 0.1174. Here we 
choose two limiting cases of y = 0 and y = 0.2. The results show that the equilibrium number of 
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dislocations is rather insensitive to surface energy since the values of surf ace energy of different 
materials do not differ much. As the value of surface energy increases, the number of 
dislocations decreases slightly. 
The effect of ductile layer thickness is to change the slope of then versus Kapp curve, as 
shown in Figure 5 where h is chosen to be 100, 500, 1000, and 5000 (or h<fFlOOb, 500b, 
1 OO0b, and 5000b ). The larger the thickness of the ductile layer, the higher the equilibrium 
number of dislocations at given Kapp• 
A more accurate approximation of the equivalent superdislocation infers a f value greater 
than one, which increases the number of equilibrium dislocations by a factor of 
1 
/= 1-lnr/lnh ~l. (11) 
One can readily use the curves furnished in Figures 4 and 5, and multiply them by this factor to 
assess the equilibrium number of dislocations. The influence of A on such prediction is 
commonly small because it is only slightly larger than one. The idealized superdislocation case 
used in plotting Figures 4 and 5 moderately underestimates the equilibrium number of 
dislocations. For h=l000, the underestimation is one third if f =10. For h=l0OO0, the 
underestimation is one fourth if f =10 and one half if f =100. 
3 .3 Crack tip analysis 
The interactions between crack tip and a dislocation has been studied by many people ( e.g. 
Lin and Thomson, 1986) in terms of the image force on the dislocation. The effect of a shielding 
dislocation is to reduce the crack tip stress intensity, whereas an anti-shielding dislocation is to 
increase the crack tip stress intensity. Generally, in the presence of shielding dislocations, the 
crack tip stress intensity can be given in terms of the applied stress intensity as, 
K,ip = Kapp -KD (12) 
where Kv is the contribution of the dislocation to the crack tip stress intensity, and has been 
given by Lin and Thomson (1986), as 
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Kn= µb 3 sin</)cos!l 
(1- v)✓2irhip 2 2 
(13) 
for a dislocation sited at the interface. The crack tip stress intensity in the presence of an 
equivalent superdislocation of strength nb can then be given as, 
Aµ(nb) 3 . </> 
K,ip = Kapp - ~ sm </J cos-, 
(1- V)v2irh9 2 2 
(14) 
in which the meaning of A as an amplification factor for shielding becomes transparent. 
The second effect of emitted dislocations is to create ledges at the crack tip, thus blunting 
the crack tip. This reduces the maximum tensile stress ahead of the crack tip. For simplicity, we 
approximate the blunted crack tip by a notch with tip radius nb/2, as shown in Figure 6. Then 
the notch tip tensile stress can be obtained from stress intensity factor handbook (Tada, et al, 
1985), a:;; 
_ Ktip 
<Itip - /3 -fiih, (15) 
where /3=2/1t for a notch with semi-circular front. Substitute equations (14) and (9) into (15) 
and normalize, we obtain an expression for the maximum tensile stress at the blunted crack tip in 
terms of applied stress intensity, surface energy, and ductile layer thickness, 
I- 3A(sin~cos1)' 
2ln(h!r) 
3A {3.fiii _ . ,,, </> 
+ r;:: (- ) ysmyCOS-. 
2-yh In hi f 2 
. (16) 
Examination of equation (16) reveals that for a given ductile layer thickness h, since n is 
proportional to Kapp as predicted by (9) and the normalized surface energy is small (which is 
usually the case), the notch tip stress a,ip is roughly proportional to ✓K"'PP. This yields an 
important conclusion: as long as the layer thickness is small (less than or equal to a few microns), 
the notch tip stress will always increase with the applied loading, regardless how ductile the layer 
is or how easy it is to nucleate a dislocation from the crack tip in the absence of confinement. 
The normalized notch tip stress is plotted in Figure 7 as a function of the applied stress 
intensity for ductile layer thickness h=lOO, 500, 1000, and 5000 for the idealized 
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superdislocation A= F = 1, and surface energy ji=02. Under a given ductile layer thickness, the 
stress {Jtip increases monotonically with the applied stress intensity. On the other hand, a thicker 
ductile layer allows more dislocations to be emitted from the crack tip, thus results in a lower · 
maximum tensile stress. When other parameters fixed, the notch tip stress would scale down 
from the values of Figure· 7 by a factor of about f-112 when a more accurate equivalent 
superdislocation is considered. 
3 .4 Competition between cleavage and dislocation emission 
In the absence of confinement, because of easy dislocation emission and high dislocation 
mobility, the crack tip tensile stress never reaches the cohesive strength in a ductile metal such as 
Cu or Au. With dislocation confinement, however, the back stress sent by the confined 
dislocations tends to build up the tensile stress at the crack tip, as indicated by (16). Therefore~ as 
the applied stress intensity increases, the competition at the blunted crack tip is then between: 
cleavage decohesion and continued dislocation emission. 
When the build-up of crack tip tensile stress is so high that it reaches the cohesive strength 
of the material, 
(17) 
then cleavage fracture occurs in the ductile metal layer. Under this condition, the far field. 
applied stress intensity is· often referred to as the fracture toughness of the layered material. 
Imposing condition (17) yields an expression for fracture toughness, Kc,it• as a function of layer 
thickness, which is the very relation we are trying to deduce from this model. 
Figure 8 shows the fracture toughness of the layered material, Kc,it> as a· function of layer. 
thickness inf erred by an idealized superdislocation, where normalized surface energy r = 0. 2 and 
the normalized cohesive strength {Jc= acl µ = 0.2,0.3. Values of the normalized intrinsic. 
fracture toughness, Kin1nnsic, for a number of materials are given in Table 1, where intrinsic 
toughnesses are estimated using the data on surface energy, shear modulus and Burgers vector 
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given by Rice and Thomson (1974). The values of the normalized intrinsic toughness range from 
about 0.4 for diamond cubic crystals to about 1.2 for FCC metals. It is noted from Figure 8 that 
the apparent fracture toughness Kcrit could be very close to the intrinsic toughness when h is 
small (note also that normalized cohesive strength <J'c Iµ is different for different materials, and 
tends to be higher for FCC metals and lower for covalent bonded materials). 
Figure 8 also shows that the toughness increases rapidly when the layer thickness is small, 
suggesting a strong effect of layer thickness on dislocation confinement. When the layer 
thickness is large (of the order of micron), the fracture toughness starts to level off, indicating the 
curtailment of dislocation confinement effect. Figure 8 demonstrates that fracture toughness of 
the layered materials is rather sensitive to the cohesive strength of the ductile layer. A 50% 
increase of cohesive strength causes the fracture toughness to be more than doubled. For a more 
realistic equivalent superdislocation, the general trend demonstrated in Figure 8 reserves. The 
values of Kc,it should be identical to that in Figure 8 when the layer thickness h is small, but 
gradually elevated as ii increases. The level of elevation depends on the layer thickness through 
a rather complicated way, due to the fact that the effective core size, r, is also related to h. 
A special (but still very reasonable) case can be studied easily as follows. When the 
contribution from surf ace energy r is negligible, the fracture toughness can easily be solved in 
terms of ductile layer thickness, as 
K . = Cif1/..fh 
"'' j,2Aln(iitr)[i- 10(~~i'ir 
where C 1 and C2 are constants determined from equations (9) and (16), as 
C1 = ,,fiii (1- v) sin</) cos!/!_, 
2 




Equation (18) gives a general trend of fracture toughness versus ductile layer thickness. It 
shows that Kc,it is proportional to a c 2 , which explains why fracture toughness is rather sensitive 
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to ere in Figure 8. Furthermore, when the ductile layer thickness is large, Kcrit is proportional to 
{h, / ln(ii / r). So the fracture toughness curve bends over with a rate slightly slower than {h, as 
h approaches infinity. 
4. DISCUSSIONS 
Our model is based on the assumption that when the ductile layer thickness becomes very 
small, dislocations have to be dealt with individually. This assumption must be justified by the 
model prediction. Figure 9 shows the maximum number of dislocations emitted from the crack 
tip, nma,x, as a function of ductile layer thickness when cleavage condition is achieved. The 
calculation is performed for an idealized superdislocation located at the interface, and the 
parameters used in Figure 9 are r = 0.2 and cohesive strength {re= 0.2,0.3. It is seen that even 
when the ductile layer thickness is about a few thousand Burgers vectors, the total number of 
emitted dislocations when cleavage fracture occurs is less than 20. Therefore, indeed, continuum 
plasticity approach to this problem would not be appropriate. 
With the idealized superdislocation, all dislocations are forced to be packed at the interface, 
so the effects of dislocation shielding, as well as the notch tip stress under a fixed number of 
emitted dislocations, are underestimated. Consequently, in real materials, cleavage fracture in 
ductile layer could occur at an applied stress intensity level equal to or higher than the values 
predicted in Figure 8, as one may envisage from the huge difference between the intrinsic 
fracture toughness and the experimentally measured fracture toughness. Nevertheless, based on 
our model prediction, the toughening resulted from the limited dislocation emission would be 
only by a factor of 3 to 8 so long as the layer thickness is smaller than a micron. 
Static equilibrium position of dislocations can be readily estimated using the solution of Lin 
and Thomson (1986). We estimate the order of equilibrium spacing by considering the first two 
dislocations. If the leading dislocation is pinned at the interlace, the second dislocation is 
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subjected to two forces, one from the crack tip field, the other from the first dislocation. We 
neglect the lattice friction and assume the separation of the two dislocations is much smaller than 
h</> so that the short range crack tip image force can be omitted. The balance of these forces then 
determines the equilibrium spacing. From a simple calculation given in Appendix B, the 
equilibrium spacing of the first two dislocations is obtained as, 
re= ~[✓1 + 2Sh -1], 
where S, the strength of the applied field, is given by, 




For materials with ji = 0.2 and o-c =0.3, the equilibrium spacing re is estimated to be 40b 
when h =1000, and 47b when h =2000. This indicates that the idealization of superdislocation 
is rather crude. Accurate estimate on f should be pursued in the future for the characterization 
of dislocation pile-ups. 
Dislocations may be emitted from multiple dislocation sources. In that case, the 
arrangements of dislocation cluster will be different from that in a single array pile-up. These 
arrangements, such as those shown by Lubarda et al. (1993), would result in equivalent two 
dimensional superdislocations whose effective core size, r 0 , would be considerably smaller than 
the single array analyzed here. This feature would reduce the difference between our predictions 
based on the idealized superdislocations and the situation in real materials. We further remark 
that, as long as the dislocation pile-ups are located far from the crack tip, their effects on the 
crack tip field should be relatively independent of their arrangement. 
Although the physical arguments we used in this model are generic, we calculated only a 
symmetric crack in the ductile layer. In the case of an interfacial crack, the crack tip would 
exhibit a mixed mode I and mode II field. The mathematical treatment would be more involved 
although still tractable. Nevertheless, we expect that the essential features of the present solution 
should emerge as the same. More research work has to be performed to appreciate the subtle 
differences between different cases presented in Figure 2. 
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The present model breaks down when other competing mechanisms are preferred under a 
given load. These competing mechanisms include re-initiation of cleavage fracture in the brittle 
layer or along the interfaces away from the crack tip, considerable multiplication of dislocations 
in the ductile layer which could only be dealt with by continuum plasticity, and crack deflection. 
In addition to the confinement due to interfaces in layered materials, other forms of 
confinement also exist in other material systems. For instance, grain boundaries in 
nanostructures may pose confinement to dislocation motion, although re-nucleation of dislocation 
loops in the neighboring grains is possible. Furthermore, confinement has also been observed in 
materials where dislocation mobility is low. Hsia and Argon (1993) has demonstrated that, in 
silicon single crystals loaded at elevated temperatures, although dislocations can emit and move 
away from crack tips, cleavage can still re-initiate from the blunted crack tip upon continued 
loading due to low dislocation mobility. The characteristics of these different forms of 
dislocation confinement are dependent upon specific features of the material's microstructures 
and micromechanisms, thus have to be analyzed individually. 
5. CONCLUDING REMARKS 
We would like to convey in this communication that, even in very ductile FCC metals, it is 
still possible to achieve cleavage fracture if dislocation motion is confined. Our calculation 
indicates that, in a layered material with ductile layer thickness of the order of micron, only a few 
dislocations (less than 20) are allowed to be emitted from crack tip before cleavage occurs. 
Therefore, the toughening resulted from the dislocation emission is rather limited. Fracture 
toughness of these materials would be close to the intrinsic toughness. 
This analysis suggests an experimental technique to measure either the intrinsic fracture 
toughness of the commonly considered non-cleavable metals if interface bonding can be made 
strong enough, or the intrinsic toughness of interfaces, using a layered material. On the other 
hand, the results of this analysis alert those who are developing layered materials that the 
mechanical failure of these materials could be catastrophic, unless the ductile layer thickness is 
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sufficiently large. 
More experimental studies are needed to verify the predictions of the analysis. One 
estimate of the interfacial fracture energy ri between a substrate and a metal thin film has been 
obtained by Bagchi et al. (1993). They showed the bounds on the interfacial fracture energy 
between copper and glass to be 0.3 < ri <0;8 J/m2 for a Cu thin film of 0.44 µm. This range is 
indeed compatible with the work of adhesion (W ad=0.5 J/m2) for liquid Cu on Si02 (Li, 1992). 
However, systematic experiments by varying the ductile layer thickness would help to clarify the 
validity regime of the present model and identify the critical conditions under which other 
competing mechanisms intervene. 
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APPENDIX A 
Energy in a Cracked Body with Dislocations 
I. Single Dislocation 
Consider a single dislocation locates at r=hi along the slip plane. The dislocation self 
energy, in the presence of a semi-infinite crack, can be evaluated as the work done by dragging 
the dislocation against its image force along the slip plane from the crack tip to the current 
location hi, 
µb2 ~ 
Wd(~) = --=---In-. 
4.n-(1- v) rc,ack 
(A.l) 
r crack is the equivalent core radius to initiate a dislocation near the crack tip, and is different 
. from the core radius of a dislocation fully embedded in a continuum. r crack can be evaluated 
by the concept of unstable stacking energy introduced by Rice et al (1992). The interaction 
energy between the dislocation and the crack tip K field, due to the presence of an applied K 
field, Kapp• is viewed similarly as the work done by the crack tip gliding force which drives the 
dislocation from crack tip to its current position hi, 
WK(h;) =- ~b{ii; sin<f,cosf. 
-v 2.n- 2 
(A.2) 
By emission of one dislocation, an extra slice of surface emerges from the crack tip. The ledge 
energy is then 
(A.3) 
regardless the value of hi. 
The pre-logarithmic factor in the self energy expression (A.1) also defines the strength of 
the local stress and strain field associated with the dislocation. Namely, 
µb b 
<I··(hk) = ---:E--(0k) E··(hk) = -E··(Bk) 
IJ 2 (1 ) IJ ' lj 2 IJ ' K -V rk 1Uk 
(A.4) 
where local polar coordinates (rk, Bk) are centered at r=hk. The forms of angular variations 
Ijj and Eij do not depend on hk. They are documented in the dislocation literatures, e.g. Hirth 




For n dislocations located at hz , ... ,hi,···hn=hqr their combined effect on WK and WL is 
obtained by superposition 
K </> n 
WK = _ -':Ef!.... b sin¢ cos-L {h;, WL = nby. 
~ 2 i=l 
(A.5) 
They lead to (4b) and (4c). The stress and strain fields produced by an equivalent 
superdislocation, in a sense defined in the text, can be written as 
(A.6) 
in the vicinity of the dislocation cluster. The presence of a crack would not perturb those fields 
appreciably if the crack is relatively far away from the dislocation cluster. The self energy for the 
extended superdislocation is then 
l µb2 n n l 
Wd = - f a .. e.,,W =---" "f -I,i'J·(0k)Ei'J·(0q)dV 
2 Jv 11 ir 8n-2(1- v) £.J £.JJv r. r 
k:;::l q:;::l k q 
= µb2 i i(1n.!:.L-ckqJ (A.7) 
4n-(1- V) k:;::l q:;::l /1kq 
where 
if k=q, 
if k -:t q. (A.8) 
All of the constants Ckq are close to unity (Hirth and Lothe, 1982). The derivation toward the 
last step of (A.7) is based on the interaction energy formula between two dislocations k and q 
when 11kq I hrp is much less than one. Assuming most of the hk's are very close to h</>, one 
finally arrives at 
W = µ(nb)2 (1n(h !r)-c) 
d 4n-(1- V) <P o ' 
(A.9) 
where 





Interaction of Two Dislocations near the Crack Tip 
Consider two dislocations sitting along the same glide plane emanating from the crack tip. 
The leading dislocation locates at the interface of distance h</> away from the crack tip. The other 
dislocation trails behind by a distance re· The force on the trailing dislocation due to the applied 
stress intensity factor 
fK = Kappb sin<pcos </> 
✓8n(hq, - re) 2 
(B.1) 
should be equal to the force exerted by the pinning dislocation at the interface 
2 
f - µh d- , 
2n(l- v)re 
(B.2) 
where the Peierls-Nabarro force and the crack image force can be neglected if h</> is much larger 
than re· The equilibrium spacing re is then derived as 
re=~[✓1+2Sh-1], (B.3) 
where S characterizes the strength of applied K field and is given by 





Fig. 1 Schematic illustration of fracture energy as a function of layer thickness. Listed in the 
figure are also the underlying confinement situations in various thickness regimes. 
Fig. 2 Dislocation emission from a crack in layered structures. a) A crack along the interface, 
b) a crack within the ductile layer parallel to the interface, c) a crack normal to the 
interface. 
Fig. 3 Dislocations thread through the ductile layer. a) A 3-D view, b) projection on the 
glide plane for an array of threading dislocations, c) approximation by an idealized 
superdislocation with the last dislocation threads through the entire layer thickness. 
Fig. 4 Influence of surface energy on n vs. Kapp curve, h=lO0, y =0 and 0.2. 
Fig. 5 Influence oflayer thickness on n vs. Kapp curve, h=lOO, 500, 1000, 5000 and r=0.2. 
Fig. 6 Estimate on cleavage near the notch tip. 
Fig. 7 Normalized notch tip stress vs. Kapp• h=lO0, 500, 1000, 5000, and ji=0.2. 
Fig. 8 Fracture toughness predicted by dislocation confinement as a function of layer 
thickness, <J'clµ=0.2 and 0.3, ji=0.2. 
Fig. 9 Number of dislocations emitted from the crack tip vs. ductile layer thickness prior to 
cleavage, <J'cl µ=.0.2 and 0.3, y =0.2. 
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Table 1: Normalized intrinsic fracture toughness Kintrinsic 
FCC crystals BCC crystals diamond cubic 
Cu Au Al Fe w Si C 
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